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Abstract
We characterize how uncertainties propagate across spatial and temporal scales in a physicsbased model of nanocrystalline plasticity of fcc metals. Our model combines molecular dynamics (MD) simulations to characterize atomic level processes that govern dislocation basedplastic deformation with a phase field approach to dislocation dynamics (PFDD) that describes how an ensemble of dislocations evolve and interact to determine the mechanical response of the material. We apply this approach to a nanocrystalline Ni specimen of interest in
micro-electromechanical (MEMS) switches. Our approach enables us to quantify how internal
stresses that result from the fabrication process affect the properties of dislocations (using MD)
and how these properties, in turn, affect the yield stress of the metallic membrane (using the
PFMM model). Our predictions show that, for a nanocrystalline sample with small grain size
(4 nm), a variation in residual stress of 20 MPa (typical in today’s microfabrication techniques)
would result in a variation on the critical resolved shear yield stress of approximately 15 MPa,
a very small fraction of the nominal value of approximately 9 GPa.
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Introduction

Multiscale materials models, where first principles-based atomic simulations inform mesoscale or
macroscopic models enable predictive simulations of materials-specific processes and properties.
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These models are particularly useful in areas where experiments are difficult and/or expensive to
perform (such as micro- and nano-devices or for materials under extreme conditions) or to explore new materials not yet fabricated as part of materials design and optimization efforts. While
multiscale materials modeling is playing an increasingly important role in many defense and commercial applications the accuracy of its predictions needs to be rigorously quantified before it is
widely adopted as central tool in materials optimization and certification.
One of the main goals of first principles-based multi-scale approaches is to reduce the empiricism in material models by limiting the experimental inputs to information unrelated to the properties or process one intends to describe. For example, the initial composition and microstructure of
a material should be obtained from experiments if fabrication and processing are not modeled. Assessing the accuracy and range of applicability of current state of the art multi-scale models against
appropriate experiments remains a significant challenge that will not be fully addressed until uncertainty quantification (UQ) is performed both in the model and in experiments [1; 2; 3]. UQ is
an intricate part of the field of Quantification of Margins and Uncertainties (QMU), a methodology
to quantify design margins and uncertainties in a system in order to define confidence regions used
to inform decisions in the certification of materials, structures, devices and engineering systems in
general [2].
In this paper we present our work on UQ in a multiscale model for the mechanical response
of of nanocrystalline Ni as part of Purdue’s Center for the Prediction of Reliability, Integrity and
Survivability of Microsystems (PRISM), part of the US Department of Energy NNSA Predictive
Science Academic Alliance Program. The PRISM Center focuses on predicting the performance
and reliability of RF-MEMS switches and the work presented here focuses on the electro-deposited
Ni membrane of the switch. This is a challenging task both from the point of view of materials
modeling and also in UQ due to the complex nanostructure of the materials involved and to the
large variability typically observed in microdevices.
Physics-based predictive models for the mechanical response of micron and sub-micron sized
specimens are very important in the fields of micro-electromechanical systems (MEMS) and microelectronics where components are subject to thermal and mechanical loads over extendend periods of time and experimental characterization is very challenging due to the dimensions involved.
The reliability of the RF-MEMS switch of interest, see Figure 2.1 is strongly related to the microstructure of the device components including that of the Ni membrane (yellow in Fig. 2.1). The
membrane moves down an contacts a dielectric pad when the switch is turned off via electrostatic
actuation; when the voltage is remove the membrane returns to its original state driven by the elastic
restoring force. Plastic deformation of the membrane affects the operation of the device affecting
the pull-in (closing) and pull-out (opening) voltages; in fact, one of the main failure mechanisms
of these devices is associated with creep deformation of the membrane [4]. Also, plastic deformation is critical to understand device survivability under extreme conditions, e.g. shock loading
[5]. Device to device variability stemming from the fabrication procedure play a significant role
in their reliability. In the present work we concentrate on the effect of the uncertainty in residual
stress along the longitudinal direction of the membrane on its critical resolved shear stress (CRSS)

of the membrane.
Plastic deformation, including creep, in these materials remain poorly understood. The main
challenge being that their mechanical response depends very strongly on the characteristic size of
their micro- or nano-structure (e.g. grain size and orientation) [6; 7; 8; 9; 10; 11] and its size distribution [12; 13; 14]. These size effects arise from the the interplay between competing mechanisms
of plastic deformation and the interaction between the defects responsible for them with each other
and with the specimen boundaries. Thus, in order to capture such sub-continuum effects, detailed
models describing individual deformation mechanisms are required. In this work we use a phase
field approach to dislocation dynamics (PFDD) [15; 16; 17] where individual dislocations are explicitly described and molecular dynamics (MD) simulations to inform the PFDD with material
specific properties of individual dislocations.
As mentioned above, UQ is particularly important in modeling and experiments of MEMS
devices given the large variabilities in response observed in these devices even when built under
nominally identical conditions using state of the art techniques [9; 18]. Relatively small changes
in processing conditions lead to variabilities in size or microstructure that can often lead to significant changes in response. In this paper we focus on how the residual stress that develops in the
metallic bridge of the MEMS switch during fabrication affects its plastic deformation that cause
performance deterioration and even failure.
A second challenge in the quantification of uncertainties in multiscale models is the need to
propagate them across models and scales. Here we quantify how residual stress (obtained experimentally) affects dislocation properties using MD simulations and how the resulting uncertainty in
dislocation properties affects the plastic deformation of nanoscale polycrystals using the mesoscale
PFDD model.
The paper is organized as follows. In Section 2 we describe the application of interest and our
multiscale approach for crystal plasticity with an enphasis on how the PFDD parameters are obtained from MD simulations. Section 3 describes how aleatoric uncertainties are propagated from
the finer scales (MD) to the coarse model (PFDD) and we show an example of how uncertainties
inherent in the fabrication process are propagated across scales and affect the plastic deformation,
in particular the yield stress. Finally conclusions are drawn in Section 4.

2

Multiscale model of single crystal plasticity

Figure 2.1 shows, schematically, the capacitance RF MEMS switch of interest. It consists of a
nanocrystalline Ni membrane, shown on top, with the following approximate dimensions, length
l = 400µm, width w = 100µm and thickness t = 2µm. When the contact is open a gap between
the metallic membrane and dielectric pad leads to a very low capacitance, this is the on state of the
switch as a RF signal in the metallic line below the dielectric will pass. The switch is turned to the
off position by electrostatically actuating the metallic membrane and closing the gap that separates
it from the dielectric; the capacitance then increases by several orders of magnitude. The metallic

membrane of RF MEMS is fabricated by electroplating which results in a complex microstructure with a grain size distribution from few nanometers to hundreds of nanometers [19]. Plastic
deformation of such specimens, including creep, depend very strongly on this microstructure and
differ significantly from bulk polycrystalline samples. Furthermore, residual stresses develop during fabrication, and while tensile stress is preferable for operation, this is not always achieved and
fabrication results in residual stresses that vary from device to device. In this paper we propose a
model for dislocation based plasticity inside the nanoscale grains and quantify how internal strain
affects the the CRSS on the slip planes of each grain.

Figure 2.1: Schematic representation of the RF MEMS device

2.1

Phase field dislocations model

We use a phase field approach to study dislocation dynamics inside each grain. In this model, a
phase field is defined for each slip system and its value indicates the relative displacement of the
crystalline material on either side of the plane. The phase field is integer valued and, as Figure 2.2
illustrates, contour plots of the phase field represent dislocations. In fcc materials there are 12 slip
systems and we represent the dislocation ensemble on each slip sytem by a separate phase field
ξ α (x) with α = 1, 2, ...12. In order to describe the time evolution of each phase field ξ α (x) under
possible applied external loads an expression is needed for the total energy E[ξ] and a system of
coupled time dependent Ginzburg-Landau equation is solved:
∂E[ξ]
∂ξ(α, x)
= −L
∂t
∂ξ(α, x)

(2.1)

where ξ represents all the phase fields, ξ 1 (x), ξ 2 (x), ..., ξ 12 (x). Therefore 2.1 represents a system
of 12 coupled equations. The total energy of the phase field should take into account: i) the strain
fields caused by each dislocation that governs their self-energies and long range interactions, ii)
the energy near the dislocation line where atomic displacements are large enough that elasticity
cannot be applied (i.e. the so called core energy), and, iii) the coupling with external mechanical
loads. In the following sections we describe each of the energy terms.

Figure 2.2: Dislocation lines represented as contours of the phase field in one active slip system
2.1.1

Elastic energy

The elastic energy can be written as [15]
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where, here and subsequently, a superposed (ˆ) denotes the Fourier transform of a function, and
Âmnuv (k) = cmnuv − ckluv cijmn Ĝki (k)kj kl

(2.3)

In this expression, G(x) is the Green’s tensor of linear elasticity [20], Ĝ(k) its Fourier transform,
β p is the plastic distortion and σijext is the externally applied stress. The first term in equation 2.2,
E dis , represents the elastic energy of the dislocations, while the second term, E ext , represents the
interaction with an external applied stress field.
Here we assume that plastic slip is confined to families of parallel slip planes in a crystal
structure. Therefore:
βijp (x)

=

N
∞
X
X

ξnαα (x)δnα mαi bαj

(2.4)

α=1 nα =−∞

where α represents the slip plane family determined for the direction of the burgers vector bα
and the normal to the slip plane mα and δnα is a Dirac distribution supported on the slip plane
nα and N is the number of these families, 12 for fcc crystals. In equation 2.4 the sum of the slip,

ξnαα (x), over all the planes in a family α can be replaced by d1 ξ α (x) where d is the interplanar
distance.
N

βijp (x)
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=
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(2.5)

where sα is the direction of the burgers vector bα and d1 ξ α (x) represents a three dimensional
density of slip. Replacing 2.5 in 2.2 we obtain
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2.1.2

Core Energy

The core energy represents the strain energy in atoms near the dislocation line where elasticity
theory is not applicable due to the large distortions from the equilibrium structure. The first term
used to describe such region associated with crystal disregistry takes into account that the energy
of the crystal should attain a minima when the displacement jump ξ(x)b is an integer multiple of
the Burgers vector, i.e. ξ(x). Several potentials satisfy this condition, in the past we have used a
piecewise quadratic potential [15]. Here we take this potential with a sinusoidal shape [21; 22]. In
the present model we consider a crystal disregistry potential for each slip plane of the form
α
φnα (x) = Eusf
sin2 (πξnαα (x))δnα

(2.8)

where Eusf is the unstabe stacking fault energy. The energy is therefore:
Z
N
∞
X
X
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φnα (x)dS

(2.9)

Snα

where the integral is over each slip plane nα . Proceeding as in the previous section we replace the
sum of the integral over all slip planes for a three dimensional integral and we obtain
N

E

cryst
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=
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sin2 (πξ α (x)) d3 x

(2.10)

The unstable stacking fault energy, Eusf , is a key characteristic of the crystal disregistry potential
and can be computed from atomistic simulations by sliding two perfect crystals with respect to

each other. As a first approximation we can also estimate Eusf from the strain energy when a shear
deformation is applied to the volume, in this case
Eusf =

µb2
dπ 2

(2.11)

where µ is the shear modulus. Replacing in 2.11 material constants of Ni single crystals µ =
97.3GP a and considering a distance between active slip planes of d = 3b we obtain Eusf =
0.50J/m2 .
The crystal disregistry term above does not describe completely the energy associated with the
dislocation’s cores which is associated, within the phase field description, with gradients. This is a
local energy and should describe the local strain energy inside a small region near the dislocation
line. From elastic considerations this energy for a Peierls dislocation is [22]
E P eierls =

µb2
4π(1 − ν)

(2.12)

for an edge dislocation and
µb2
(2.13)
E
=
4π
for a screw dislocation. This local energy can be taken into account with a local potential of the
form:
P eierls

ψ(ξ α , ξ β ) = H(α, β)ijkl bi
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bk
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(2.14)

As will be shown below, the dislocation core energy can be computed from atomistic simulations
and these values will be used for our calculations.
The total core energy is therefore:
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where again the value of the tensor H(α, β)ijkl can be computed from atomistic simulations.
2.1.3

CRSS calculations

The CRSS computed from the 3D PFDD simulations is the quantity of interest to carry the UQ
analysis under varying residual strains in the Ni membrane. In this section we compute the yield
stress of a nanostructure consisting of a periodic arrangement of cubic grains with small dimensions (4 nm on the side) under monotonic loading. To simplify the analysis the loading condition is
such that only one slip system is activated within the grains. The [111] direction of the fcc crystal

is oriented along the x3 direction and the active Burgers vector is in the x1 direction. The system
is then incrementally loaded with external stress σ13 , while the other components are set to zero.
The grain boundaries are represented by a distribution of dislocations from other slip systems (forest dislocations) that pierce the active slip plane and act as pinning points and sources
of dislocations. This microstructure representing the grain boundaries is kept fixed throughout the
simulations. The initial configuration for the PFDD simulations consists of a dislocation ensemble
with density ρ = 1016 /m2 and is otherwise defect free.
The materials parameters used in these simulations were obtained from MD simulations, as
will be described bellow, and are shown in Table 1. The MD elastic constants for the material were
converted to isotropic constants following Voigt’s average [22] before being used in the PFDD
simulations.
Figure 2.3 shows the stress-strain curve from the 3D PFDD simulations with an unstable stacking fault energy Eusf = 0.56J/m2 a burgers vector b = 0.256nm an initial dislocation density
ρ = 1016 /m2 and a slip plane distance d = 4b. Here, we define critical resolved shear stress for
any of the [111] planes as the value at which the stress σ13 yields. This stress is computed by
the 0.2% offset method as shown in Figure 2.3. We obtain a CRSS σy = 9.25GP a in very good
agreement with atomistic simulations of nanocrystalline Ni by Farkas et al. [23] with similar sizes.

Figure 2.3: Stress strain curve of nanocrystalline Ni with 4nm. grain size

2.2

Molecular dynamics

In this section we briefly describe our MD simulations and how, from these simulations, we obtain
materials parameters for the PFDD. MD describes the temporal evolution of a group of atoms

c11 [GP a] c12 [GPa] c44 [GP a] λ [GP a] µ [GP a]
225.37
156.92
97.3
118.0
58.38

ν
0.334

Table 1: Elastic constants
according to classical equations of motion:
Fi = mi R̈i = 5E({Ri })

(2.16)

where the index i runs over all atoms, Fi is the total force on atom i, mi is its mass and Ri its
position. Dots denote time derivative. In the absence of external fields the total force on an atom
originates from the interaction with other (typically nearby) atoms. Atomic forces are obtained
from the gradient of the total potential energy of the system with respect to atomic positions.
This total energy can be obtained from first principles from a quantum mechanical calculation of
the electronic structure of the system. However, ab initio electronic structure calculations remain
computatioanlly intensive and in this paper we use an interatomic potential to describe atomic
interactions, We use a many body embedded atom model (EAM) potential for Ni, [24; 25] denoted
quantum Sutton-Chen (qSC). The total energy within the EAM approximation is written as a sum
of two-body terms plus the energy needed to embed each atom in the electronic density contributed
by its neighbors:
X
X
E({Ri }) =
φ (|Ri − Rj |) +
F (ρi )
(2.17)
i<j

i

where the first sum runs over all pairs of atoms and φ denotes the two body interaction, the second
sum runs over atoms, F is the embedding energy and ρi denotes the electron density at the location
of atom i contributed by its neighbors:
X
f (|Ri − Rj |)
(2.18)
ρi =
j6=i

where f (r) describes the electron density contribution of each atom. Note that if the embedding
energy is non-linear the EAM energy expression cannot be written as a sum of pairwise terms.

2.3

Informing the phase field model with atomistic information

In the following subsections we describe how the parameters in the PFDD simulations are obtained
from MD simulations. As mentioned above, there are three terms in the phase field energy expression. The terms associated with the elastic strain energy caused by the dislocations (including
dislocation self energy and interactions) depend on elastic constants which are trivially obtained
from the interatomic potential. The origin of this elastic energy and the core energy of the dislocations, described by Eq. 2.2 in the PFDD model, are described in the subsection 2.3.1. Finally,

the term that describes the misfit energy associated with rigidly displacing two blocks of material
across a plane, Eq. 2.10, is calculated from MD in subsection 2.3.2. Subsection 2.3.3 described
PFDD simulations using this atomistic inputs.
2.3.1

Atomistic simulations of dislocations

The core energy energy term in the PFDD model, Eq. 2.2, associated with with the gradient of
the phase field describes the strain energy near the dislocation line. This term, together with the
crystal disregistry term addressed in the next section describes the energy of the dislocation core.
As mentioned earlier, the total strain energy of the material with dislocations can be separated
in two contributions: i) an elastic term that describes the dislocations self energy term and their
interactions due to the long range deformation fields caused by them and, ii) the core energy: the
energy near the dislocation line where atomic displacements are too large for elasticity theory to
apply [22]. Thus, computing the core energy of dislocations requires an atomic description and in
this sub-section we describe our approach.
We use zero temperature lattice parameter of 3.5064 Åto calculate dislocation core energies
and characterize how strain affects the elastic energy. We start with a 6-atom unit cell with vectors
a1 =1/2[112], a2 =1/2[110] and a3 =[111] and replicate it 20 times along a1 , 7 along a2 and 28 along
a3 leading to a simulation cell with 23,520 atoms and lengths of 85.889Å, 17.356Å, and 170.051
Å. Periodic boundary conditions are imposed in all three directions. We then create a pair of screw
dislocations with Burgers vectors b=1/2[110] and b=-1/2[110] using the atomic displacements
from the elastic solution of the dislocations strain fields. Note that the total Burgers vector in
the simulation cell is zero as is required by the periodic boundary conditions we impose. To
obtaine the relaxed structure of the dislocation dipole we perform low temperature MD simulation
(2 picoseconds at T=10 K) followed by energy minimization using the qSC potential. Figure 2.4
shows an atomic snapshot of the relaxed configuration. As expected in fcc crystals each dislocation
dissociates in two partial dislocations on a [111] plane; these partials are separated by a stacking
fault made of hcp atoms (hcp atoms are shown as white spheres in Figure 2.4) (a).
Following our prior work, [26; 27], in order to compute the elastic and core energies associated
with the two dislocations we calculate the potential energy associated with each atom and compute
their strain energy by subtracting the perfect crystal energy per atom. Figure 2.4) (b) shows the
strain energy of the 400 highest energy atoms. We see a group of 168 atoms (12 per dislocation
per Burgers vector) with an energy significantly higher than the rest, we define those atoms as
the dislocation core. The core energy is simply the sum of the corresponding strain energies and
we obtain a value of 0.49 eV/b. The elastic strain energy is the sum of the strain energy of the
remaining atoms in the simulation cell. The core energy reported here for Ni is very similar to
prior calculations calculations also based on atomic simulations but using a different approach to
differentiate elastic and core contributions [28].

2.3.2

Lattice mismatch energy

In order to compute the lattice mismatch energy, also known as gamma surface [29], we start with
the 6-atom unit cell described above and a lattice parameter a0 =3.524Å. This lattice corresponds
to zero pressure and T=300 K for the qSC potential without quantum corrections. The 6-atom unit
cell is replicated 5 times along a1 , 8 along a2 and 14 along a3 leading to a simulation cell 3,360
atoms. We impose periodic boundary conditions along the a1 , and a2 directions and the system is
divided in halves along the a3 direction. To compute the gamma surface the two halfves are rigidly
displaced with respect to each other parallel to the a1 -a2 planes in small increments and constraint
molecular dynamics are performed for 15 ps (the last 10 ps of each run are used to compute
the average energy). Atoms are constraint to moving only along the a3 direction to maintain the
relative displacement between the two blocks. Also, atoms in the first and last unit cells along the
a3 direction (240 atoms at each end) are fixed to their initial positions to avoid expansion normal
to the (111) plane. Figure 2.5 (a) shows the resulting gamma surface as a function of displacement
along the < 112 > and < 110 > directions obtained from our MD simulations.
In order to inform the PFDD we need the energy required to displace the half-crystals with
respect the each other along the Burgers vector (1/2[110]). Figure 2.5 (b) shows the energy per
unit area as a function of dispacement along a < 110 > direction obtained from the MD simulations
(symbols) together with a fit of the first term of the core energy described in Equation 2.10 in the
PFDD model; from this fit the parameter Eusf is obtained. We see that this parameter represents
the so called unstable stacking fault energy, the maximum energy per unit area that occurs when
the two crystals are displaced by half of a Burgers vector, or 1/4 < 110 >< 110 >.

3

Uncertainties and their propagation across scales

There are a number of uncertain quantities in the prediction of plastic deformation of the nanocrystalline membrane of the RF MEMS device of interest. These uncertainties can be classified in two
categories:
• Uncertainties in the Nickel membrane
– Residual stress developed during fabrication
– Grain size and crystal orientation distribution
– Variation in chemistry and composition (impurity atoms present predominantly in surfaces and grain boundaries)
– Membrane dimensions
• Uncertainties within the multiscale model
– MD input parameters (force field parameters)

– FPDD input parameters (obtained from the MD simulations)
– Model form uncertainty both in MD and PFDD
The goal of this paper is not to fully characterize all uncertainties in the problem but to exemplify how uncertainties that originate from fabrication and that affect the setup and initial conditions of our MD simulations are propagated across scales and lead to uncertainties in our ultimate
prediction: the CRSS predicted with the PFDD model. The important role of grain size and orientation distribution on mechanical response has been characterized extensively in the past and in this
paper we focus on the role on uncertainties in residual stress. More specifically, we quantify how
the residual stress experimentally measured in our RF switches lead to variations in the dislocation
properties computed from MD and the CRSS predicted by the PFDD model for a given grain size
and orientation.
A complete quantification of uncertainties of the mechanical response of the membrane requires, in addition, an experimental quantification of grain size and orientation distributions as
well as a quantification of the variability of the level of impurities present in the device. These
are aleatoric uncertainties that, at least in principle, are quantifiable experimentally. There are additional uncertainties associated with the models, including the force field parameters used in the
MD simulations and model form uncertainties both at the atomistic and mesoscale scales. This
last class of uncertainty originates either from lack of knowledge or a desire of computational efficiency and not from input parameters; for example: the functional forms of the MD potentials or
the fact that the PFDD model does not describe the dissociation of dislocations into partials and
does not allow for cross-slip.
The first step in the UQ process process is to characterize the response functions of each model
to their uncertain input parameters: i) the CRSS predicted by the PFDD model as a function of
unstable stacking fault energy and elastic energy of the dislocations; and ii) the effects on strain
on the properties calculated using MD that are input the PFDD mode (unstable stacking fault, core
energy and elastic energy)l. In Subsection 3.3 we use these response surfaces to predict how the
uncertainties in macroscopic residual stress measured experimentally propagate across our models
and lead to a probability density distribution (pdf) of CRSS.

3.1

Sensitivity and response function of the PFDD model

We carry out simulations with the PFDD where the unstable stacking fault energy is varied around
its mean value, < Eusf >= 0.56J/m2 , as follows
Eusf =< Eusf > ±∆Eusf

(3.1)

with ∆Eusf / < Eusf >= 0.05. We also vary the elastic energy of the dislocations by multiplying
the energy by a proportionality factor α to represent the effect of residual strains in the elastic
dislocation energy
E dis = αE dis
(3.2)

where α =< α > ±∆α with < α >= 1 and ∆α/ < α >= 0.05.
The PFDD simulations show that if the microstructure, including grain size and initial dislocation density, is kept fixed the unstable stacking fault energy, Eusf in the first term in Equation 2.10
and the elastic energy of the dislocations, first term in Equation 2.2, are the dominant parameters
in determining the CRSS. The average values of Eusf and E dis and their ranges are computed from
atomisitics simulations as it will be shown in the next section.
The CRSS predicted by the PFDD model depends on grain size and orientation relative to the
applied load, as well as the materials properties calculated from atomistic simulations. In the past
we have studied the influence of thickness in passivated thin films [16; 17] with results in good
agreement with experiments. Here we characterize how the unstable stacking fault energy and the
elastic energy that govern dislocation interactions and self energy affect the predicted CRSS for
the nanocrystalline Ni model described in Section 2.1.3 .
Figure 3.1 shows the calculated response function predicted by the PFDD model for the CRSS
as Eusf and the elastic dislocation energy are varied by 5%. Fitting this curve to a linear response
surface yields:

σY (Eusf , α) = 9.28GP a + 3.63


 α

Eusf
− 1 GP a + 0.07
− 1 GP a
< Eusf >
<α>

(3.3)

where < Eusf > is the nominal value for the unstable stacking fault energy taken to be 0.56 J/m2
and < α > is taken as 1 with a correlation R2 = 0.96.
Our results show that the CRSS depends most strongly on the unstable fault energy than on
the elastic energy, the difference in normalized sensitivity is about a factor 50. As the unstable
stacking fault energy increases a larger applied stress is needed to nucleate and move dislocations
which in turns increases the yield stress.

3.2

Sensitivity and response functions of molecular dynamics

In this section we characterize how the internal strain affects the dislocation properties obtained
from our MD simulations that inform the PFDD model. We characterize how the core energy,
elastic energy of the set of dislocations and unstable stacking fault energy vary when a range of
bi-axial strains within the slip plane (a1 and a2 directions) and strains normal to it (along a3 ). Both
the bi-axial in-plane strain and out-of-plane strain are varied between -0.01 and 0.01.
Figure 3.2 shows how the unstable stacking fault energy (a), core energy (b), and elastic energy
(c) depend on the transverse and longitudinal strain. We see that the elastic energy of the dislocations vary by about 10 % when the strain change by ±1% while the properties associated with
the dislocations core are slightly more sensitive to strain. Since our PFDD simulations show that
the unstable stacking fault energy has the largest effect on the materials CRSS we focus on this
response function [Fig. 3.2 (a)]. Fitting the MD data with a linear function on both strains leads to
the following response surface as a function of the transverse and longitudinal strains:

EU SF (t , l ) = 0.541J/m2 − 1.67t J/m2 − 4.75l J/m2

(3.4)

with a correlation R2 = 0.95. This is an interesting result and quantifies how the unstable stacking
fault energy decreases with tensile (positive) strain in either the transverse or longitudinal directions. Furthermore, our results show that strain normal to the sliding surface affects EU SF more
significantly that strain within the surface. This result is not very surprising but our MD simulations
provide a quantitative characterization.

3.3

Uncertainty propagation

With the various response functions at hand we can now propagate uncertainties in residual stress
across the scales and quantify how they affect the CRSS. Since the PFDD shows the normalized
sensitivity of the quantity of interest with respect to unstable staking fault energy is approximately
50 times larger that that for the elastic energy we use MD to predict how the strain on each of the
nanocrystals of the Ni membrane affects Eusf and use this information to predict a pdf of CRSS.
In order to estimate the distribution of strain on each of the 12 slip systems in each grain of
the membrane we start with the experimentally derived residual stress distribution and use texture
information obtained from X-ray diffraction experiments [19]. Alexeenko et al. characterized the
residual stress from voltage-deflection measurements on 12 RF MEMS devices [, Alexeenko:2010]
in these experiments the authors assume a Young’s modulus for the membrane and obtain the
residual stress in the axial direction of the membrane. For a Young’s modulus E=200 GPa they
obtain a mean residual of 25.25 MPa with a standard deviation of 19.23 MPa. XRD experiments
show that the Ni membrane of the device to have a strong [001] fiber texture due to preferential
grain growth during electrodeposition. For this study we will simplify this microstructure and
assume all grains are oriented with the [001] in the vertical direction (z axis) and are randomly
orientated in the x-y plane. In order to obtain the in-plane and out-of-plane strain distribution on
the slips systems of the nanocrystalline membrane we follow the following three steps:
• Obtain a distribution of macroscopic residual stresses from the experimental pdf
• Compute the macroscopic strain tensor of the membrane using the Young’s modulus used to
extract the residual stress distribution and a Poisson ratio ν = 0.31.
• Generate a distribution of crystal orientations for each of the crystalline grains in the membrane and find the strain tensor in each of the 12 slip systems within the isostrain approximation (the strain in each grain, along the axes of the membrane, is equal to the macro-strain).
We generate an ensemble of 1000 residual stresses from the experimental distribution for
E=200 GPa and, see Figure 3.3(a), representing 1000 membranes. For each macroscopic state
we stochastically generate 5000 grain orientations and calculate the strain tensor in each of the 12

slip systems of each grain. The pdf’s of the two components of the in-plane strain (averaged over
over two normal directions contained in the slip plane) and the two out-of-plane strain are shown
in Fig. 3.3(b). Using the response function in Eq. 3.4 obtained from MD simulations we compute
the pdf of the unstable stacking fault energies [3.3(c)]. Finally, we compute, for each slip system,
its corresponding CRSS; the resulting pdf is shown in 3.3(d).
Our results show that residual stresses resulting from the fabrication on our RF MEMS devices
has a small effect on the CRSS of the crystalline grains of the membrane. The width of the CRSS
pdf depends on the distribution of residual stresses which in, in turn, are affected by the Young’s
modulus used in the experiments. However, for both values of the Young’s moduli used (that
represent a conservative bound on the possible values) the CRSS varies by no more 15 MPa, a very
small fraction of the CRSS.

4

Discussion and conclusions

In this paper we propagate uncertainties across scales in a multi-scale model of single crystal
plasticity. Our approach combines atomistic simulations to characterize materials properties associated with dislocations and elasticity with a phase field approach to dislocation dynamics. This
is a powerful approach since atomistic simulations provides a first principles characterization of
materials properties making it generally applicable and predictive and the phase field approach,
where individual dislocations are described, captures how micro- or nanostructure and texture affects plasticity.
Such physics-based, predictive models of the mechanical response of metals are critical for a
wide range of defense and commercial applications; this is particularly important for micro-scale
specimens where experimental testing is challenging and also to understand materials response
under extreme conditions of pressure and temperature. While significant progress has has been
made in multiscale modeling in recent years, much work remains to be done in assessing the
accuracy of the resulting predictions. Uncertainty quantification is a critical step in such validation
efforts and this paper describes our efforts in this area.
Our approach to predict polycrystalline plasticity consists of two models that describe the material with different resolution. We use MD to quantify the atomic-level processes that govern
dislocation-based plasticity in metals and a phase field approach to dislocation dynamics to predict the materials response governed by groups of dislocations evolving and interacting with one
another. An important aspect of our approach is that every single material property used as input
to the PFDD model is calculated from a MD simulation. In this paper we quantify how these
materials properties depend on the residual strain of the individual grains in a nanocrystalline Ni
membrane in an RF-MEMS switch. To achieve this we generate response functions from extensive MD simulations. We also quantified how these materials properties, in turn, affect the main
prediction of the PFDD model, i.e. the critical resolved shear stress. These response functions
enable us to propagate uncertainties across scales and quantify the role of residual strain on the

yield stress of the metallic membranes. We find that, for nanocrystalline Ni with grain size of 4
nm, the variability in residual stress measured in our device would lead to change in CRSS of 15
MPa, a small fraction of the CRSS stress of approximately 9GPa. While our results show that
the variability of residual stress due to fabrication does play an important role on determining the
membrane strength, it can play an important role in other mechanical processes such as creep.
Significant work remains to be done in UQ of MD simulations and PFDD modeling. Despite
some progress [30] one the key challenges in the area of MD are to estimate the uncertainty in the
parameters used to describe the interactions between atoms and the functional forms themselves.
In the area of PFDD we are currently working on the incorporation of partial dislocations in the
description and in more accurate representations of grain boundaries. Addressing, epistemic uncertainties in this mesoscale model could be done by direct comparisons of PFDD simulations with
large-scale MD where the exact same process is modeled.
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Figure 2.4: MD simulations of dislocations in Ni. (a) Atomic snapshot of two dissociated screw
dislocations; light atoms denote stacking faults. (b) Atomic energy in decreasing order as a function of atom number for our relaxed simulation cell with two dissociated screw dislocations, each
seven Burgers vector long; we define core as the 12 atoms with highest energy per dislocation, per
Burgers vector.

Figure 2.5: Gamma surface of Ni at T=300 K. (a) 2D map of the energy per unit area as two
blocks are displaced in the (111) plane. (b) Energy per unit area for a displacement along the [110]
direction; squares show MD results and the line is a fit of the function used in the PFDD model to
the MD data.

Figure 3.1: CRSS response function calculated from PFDD simulations as a function of the elastic
energy and the unstable stacking fault energy.

Figure 3.2: Response functions of MD parameters as a function of in-plan and out-of-plane strain.
(a) Unstable stacking fault energy. (b) core energy. (c) elastic energy of dislocation system.

Figure 3.3: Uncertainty propagation across scales. The experimental distribution of residual
stresses in the longitudinal direction of the membrane (a) is converted into a distribution of inplane and out-of-plane stress for each grain using the iso-strain approximation and XRD texture
(b). The strains are then used with an MD response surface to predict the distribution of unstable
stacking fault energies (c) that are used to predict a pdf of CRSS using PFMM response surfaces
(d).

